To understand the mechanism for hydrogen-induced embrittlement in a nickel-based superalloy, detailed electronmicroscopy characterisation has been employed on the UNS N07718 (Alloy 718) after hydrogen charging and slow strain rate testing to investigate the strain localisation and damage accumulation caused by hydrogen. Transmission Electron Microscopy analysis demonstrates that the microstructure of the material after tension is characterised by planar dislocation slip bands (DSBs) along {111}g planes. Consistent results from Electron Channeling Contrast Imaging (ECCI) reveal that cracks always propagate along planar DSBs in the presence of hydrogen. This phenomenon is rationalized by the evident nucleation of nanoscale voids along the DSBs, especially at the intersections between nonparallel DSBs. The proposed mechanism, confirmed by both the ECCI analysis and fractographic study by Scanning Electron Microscopy, indicates that the interaction between the hydrogen and dislocations along the DSBs leads to void nucleation. Furthermore, the results suggest that coalescence and widening of voids via the dislocation process promote the crack propagation along the DSBs in hydrogen charged Alloy 718.
Introduction
Structural materials used in the oil and gas deep wells face extremely aggressive environments, including low pH (H 2 S), high temperature (>250 C) and high pressure (>100 MPa) [1, 2] . High strength nickel-based superalloys are promising structural materials for application in these challenging conditions, because of their capability to operate at the high temperature and high pressure conditions providing outstanding corrosion resistance. One longstanding challenge, however, is the hydrogen-induced embrittlement when these alloys are exposed to hydrogenating conditions such as the sour environments of deep wells: adsorption of hydrogen leads to changes in the fracture mode of nickel-based superalloys from ductile to brittle [3e6] .
A number of mechanisms have been proposed to account for the hydrogen embrittlement in various materials under different hydrogen charging conditions [7e14] . For the metallic materials that do not form hydrides, such as Fe and Ni, the most commonly invoked embrittlement mechanisms are hydrogen-enhanced decohesion (HEDE) [12, 13] and hydrogen-enhanced localised plasticity (HELP) [8, 9] . According to the HEDE mechanism, the hydrogen can reduce the cohesive strength of the atomic bonding. Consequently, grain boundaries and precipitate/matrix interfaces that accumulate hydrogen beyond a critical concentration will fracture when the material is stressed. The HEDE mechanism was raised to interpret the load relaxation and intergranular failure caused by hydrogen. Although atomic scale simulations [15e17] support it, the lack of direct experimental evidence places some doubt on the relevance of this mechanism. The HELP mechanism was first suggested by Beachem [8] , and was then underpinned by in-situ transmission electron microscopy (TEM) analysis, where the mobility of dislocations was evidently enhanced by the presence of hydrogen [9] . The theoretical basis for the HELP mechanism was rationalized by the hydrogen shielding effect on dislocations [18, 19] . In this framework, the dislocation slip mode and dislocation-dislocation interaction are modified and specifically the equilibrium distance between dislocations is decreased [20, 21] . Furthermore, dislocation slip planarity is promoted due to the dragging of hydrogen [19] . Accordingly, extensive dislocation slip is expected, and dislocation motion and dislocation-dislocation interaction are largely constrained to the initial slip plane due to limited cross slip in the presence of hydrogen.
Phenomenologically, hydrogen embrittlement in metallic materials is generally characterised by intergranular cracking with quasi-cleavage fracture surface. Experimental studies have demonstrated that extensive dislocation activities and plasticity are associated with hydrogen embrittlement [11,22e27] . Martin et al. studied the microstructure beneath the quasi-cleavage fracture surface of a ferritic steel [22, 23] and pure Ni [24] , and found a good correlation between the features on the fracture surface and the underneath dislocation substructure, which indicates the importance of dislocation activities on the hydrogen embrittlement. More importantly, they flagged up that the dislocation substructure in the hydrogen containing material is finer than in the one without hydrogen [24, 27, 28] , which provides further support for the HELP mechanism. Besides the HEDE and HELP mechanisms, the hydrogen enhanced vacancy stabilization mechanism has also been proposed [10, 11, 29] . In this mechanism, hydrogen is supposed to stabilize vacancies generated by the dislocation activities and promote the formation of voids by the vacancy agglomeration [29] . Although the central aspect of this mechanism is different from that of the HELP mechanism, conceptually, in both cases hydrogen induced fracture originates from, and is promoted by, dislocation activities and therefore the crack nucleation is associated with the regions of extensive dislocation slip activities.
To date, most studies dedicated to understand the mechanism of hydrogen embrittlement of non-hydride forming metallic materials have been conducted on pure nickel [9, 24, 30] and some steels [22,25e27,31e33] . For nickel-based superalloys, investigations have mainly focused on the fracture mode and the effect of different heat treatments on mechanical properties in regard to hydrogen embrittlement [3e5,34e37]. Since in precipitationhardened nickel-based superalloys the interfaces between the precipitates (gʹ, gʺ, d and carbides) and g matrix are often assumed to be the trapping sites for hydrogen, studies have focused on modifying the size and volume fraction of the various precipitates by specific heat treatments and compare hydrogen embrittlement susceptibility of the resulting microstructures [4, 5, 36, 37] . Even though the activity of dislocations is demonstrated to be of crucial importance for hydrogen embrittlement in several materials, to the authors' knowledge, there is no work carried out to clarify the mechanism on this aspect in nickel-based superalloys.
In the present study, hydrogen-induced embrittlement was studied for the precipitation-hardened nickel-based superalloy UNS N07718 (Alloy 718), which is a widely used structural material for deep well application in the oil and gas industry. The correlation between the microstructural features, especially the dislocation substructure developed during straining, and the crack initiation and propagation was explored in detail by extensive Scanning Electron Microscopy (SEM), high resolution Electron Channeling Contrast Imaging (ECCI), Electron Backscattered Diffraction (EBSD) and TEM characterisations. The observations are discussed in context of previous studies related to hydrogen-induced embrittlement and a mechanistic framework is proposed for precipitation-hardened nickel-based superalloys involving dislocation slip localisation in conjunction with hydrogen promoting vacancy production.
Experimental
Cylindrical blanks with a diameter of 8 mm and a length of 60 mm were machined from the Alloy 718 ingot (commercially heat-treated to aerospace specifications) and solution treated at 1040 C for 1 h followed by the furnace cooling (cooling rate is approximately 15 C/min). The material was subsequently aged at 774 C for 6 h followed by cooling in air. To minimise the surface oxidation, all heat treatments were carried out in an argon atmosphere. The purpose of this heat treatment was to generate a condition that is more typical for oil and gas applications.
Tensile samples with a gauge length of 25.0 mm and a diameter of 3.8 mm were machined from the heat-treated cylinders by means of electro discharge machining (EDM). The machined samples were then ground with fine silicon carbide paper to remove the recast layer from the EDM process.
Cathodic hydrogen charging was conducted at 80 C in a NaCl (1 mol/L) solution. The samples were charged with a constant electric current density of 7.7 mA/cm 2 for 168 h. The penetration depth of the hydrogen can be estimated according to the diffusion equation:
here, t is the charging time, and x is the penetration depth and D is the diffusion coefficient of hydrogen in Alloy 718. D can be calculated based on the equation [38] :
here, R is the gas constant and T is the charging temperature, i.e. 353 K in the present case. Accordingly, the hydrogen penetration depth in the sample after charging for 168 h is estimated to bẽ 140 mm.
Both the charged and non-charged samples were slow strain rate (SSR) tested in tension with initial strain rate of 10 À6 s À1 at the room temperature using an Instron machine with a 50 kN load cell. An extensometer was employed to measure the instant strain of the sample during tensioning. The fracture surface of the sample after failure was characterised using a Zeiss EVO60 SEM operating at 20 kV.
A FEI Magellan 400 field emission gun SEM equipped with a concentric backscatter electron detector was employed, which provides ideal imaging conditions for the ECCI analysis with very high resolution and excellent contrast. The gauge section of the hydrogen charged sample strained to failure was mid-sectioned longitudinally, followed by careful grinding and polishing. The sample for ECCI analysis was finished by polishing with 40 nm colloidal silica suspension (OPS, Struers). ECC imaging was conducted on the regions both close to the sample surface (where hydrogen had diffused to) and the sample interior (where hydrogen had not enough time to diffuse to), with a low accelerating voltage (3 kVe5 kV) and a short working distance in the range of 3.5e4 mm to enable a high resolution. EBSD analysis was performed using a FEI Quanta650 field emission gun SEM equipped with a HKL system operating at 20 kV. Orientation maps from the samples were obtained prior to and after the tensile testing. In addition, Kernel average misorientation (KAM) maps, i.e. average misorientation between the each data point and its nearest neighbours, were computed from the EBSD data of the sample after tensioning.
A FEI Tecnai G20 TEM operating at 200 kV was used to characterise the g}distribution in the initial material and the dislocation substructure after the tension experiment (from the region without hydrogen). TEM foils were prepared by twin-jet electropolishing (TENUPOL5, Struers), in a solution of 10% perchloric acid and 90% methanol at a temperature of À35 C.
Results
The initial microstructure of Alloy 718 after the heat treatment described above is shown in Fig. 1 . The grain morphology, which was mapped out by EBSD, indicates an average grain size of about 62 mm with a P 3 twin boundary (TB) fraction of 44% (see Fig. 1a ). A dark field TEM image with the incident electron beam along the 〈100〉g zone axis shows the needle-shaped g}with a mean length of 23.5 nm (see Fig. 1b ).
The stress-strain curves of the material, following the SSR tests with and without hydrogen charging, are shown in Fig. 2 . It is found that the applied hydrogen charging has no appreciable effect on the yield stress, however, the total elongation decreases dramatically from 25% to about 12%. It is also worth noting that the work hardening rate of the hydrogen charged sample is lower than that of the non-charged sample. Fig. 2 includes a schematic illustrating the regions that were characterised in detail following the SSR experiment. Fig. 3 shows the fractographs obtained by SEM and the analysis demonstrates a multimode failure: brittle fracture features close to the sample surface (~200 mm to the sample outer surface), typical ductile failure in the sample interior and a transitional region with mixed failure mode in-between. The brittle fracture surface is typically fairly flat, and some traces and voids can be clearly seen in the high resolution image (Fig. 3b ); overall this morphology is very different from the dimple containing structure observed in the ductile failure region ( Fig. 3c ).
Since the deformation microstructure developed during straining is believed to be crucial for understanding the material failure mechanism, a detailed microstructural characterisation was carried out on the hydrogen charged specimens, following the SSR test. As hydrogen only diffused into the outer rim of the sample, it was possible to study regions where hydrogen was present and regions that had not been affected by hydrogen on the same sample, and results are shown in Figs. 4 and 5. TEM analysis in Fig. 4a , performed at the sample interior (no diffused hydrogen), shows planar dislocation boundaries. An ECCI image from the specimen centre ( Fig. 4b ) revealed a sharp contrast of two sets of nearly parallel lines, which is analogous to the morphology of dislocation boundaries seen in Fig. 4a . These features are dislocation slip bands (DSBs) formed during the tensile loading. The ECC images taken near the specimen outer surface (region with diffused hydrogen) after deformation are shown in Fig. 5 . The analysis shows the presence of DSBs similar to those previously described. Interestingly, at the intersections of the two sets of DSBs, a high contrast indicates the presence of defects or nano-voids (see Fig. 5b ). However, these features are not present in the region where hydrogen was absent (see Fig. 4b ). Therefore, it is hypothesised that the formation of such defects and nano-voids at the intercepting DSBs is associated with hydrogen interfering with the microstructure during straining.
All the above observations, e.g. differences in the microstructure developed during tensioning and the distinct fracture surfaces at regions with and without hydrogen, indicate a change of the failure mode. In order to reveal the failure mechanism of the hydrogen charged region, cracks close to the sample surface were characterised, and four examples are shown in the Fig. 6 . A crack with a length of~25 mm, just beneath the sample surface, can be seen in the ECC image ( Fig. 6a ). The crack has clearly grown along one set of DSBs of that grain. Fig. 6b shows a crack that deviates its propagation path when it goes into another grain, but is still parallel to the DSBs in the grain. Similarly, Fig. 6c shows a typical example of a crack extending along DSBs, passing through a cracked carbide and then altering its direction when crossing a grain boundary from one set of DSBs to another one. Eventually, Fig. 6d shows a crack encountering a TB: it does not propagate along the TB but, instead, along the DSBs with its path alternating from one set to the other set of DSBs. Without exceptions, all observations demonstrate that cracks prefer to propagate along the DSBs.
Higher magnification ECC images of cracks in the hydrogencharged region (close to specimen outer surface) are shown in the Fig. 7 . Besides a main straight crack, some submicron voids can also be observed aligned with DSBs, especially at their intersecting regions between nonparallel DSBs sets (see Fig. 7a ), which is consistent with for example Fig. 5b . Fig. 7b shows a transgranular crack and the subsequent propagation path: the presence of microvoids, aligned with the DSBs, in proximity of the crack tip is evident and, furthermore, crack progression seems to be the consequence of the coalescence of such micro-voids.
An ECC image in Fig. 8a shows a crack close to the sample surface with a length of~85 mm. The crack is not completely flat but displays some steps, as shown in Fig. 8b . These steps appear to be aligned with the second set of visible DSBs, intersecting the one parallel to the crack path, as noted in the image by dash lines. A further magnified image, Fig. 8c , from the region near to the crack tip, shows an undulating propagation path with the concaveconvex features coinciding with the second set of DSBs, which are nearly perpendicular to the primary crack leading DSBs. This morphology indicates that the intersections of DSBs appear to be weak sites for cracking and cracking is caused by the separation of the upper and lower ridges at these locations. More detailed analysis on the fracture surface was conducted to reveal the cracking behaviour of Alloy 718 due to hydrogen adsorption. Typical high-resolution SEM fractographic images from the embrittled failure region (close to the sample outer surface) are shown in Fig. 9 . It is evident that two or three sets of parallel linear features form on the fracture surface in all cases, which are highly analogous to the DSBs observed in the ECC images (see Figs. 4 and 5). Cracks and micro-and nano-voids can be observed along the traces, especially at the intersections of nonparallel traces, as seen in Fig. 9b , c. Potential linkage of the voids on the traces can lead to the crack initiation and promote the crack propagation. All these results are phenomenologically consistent with those previous observations in regard to cracking along DSBs revealed by ECCI (see Figs. 5b and 7 ). Fig. 9d shows knife-edge features formed along the traces, which indicates the final separation along them.
As the microstructure of Alloy 718 contains a high volume fraction of annealing twins (Fig. 1a) , the effect of twins on the crack propagation was studied. The interaction between a crack and a series of TBs close to the sample outer surface, i.e. where hydrogen had diffused to, is shown in the ECC images in Fig. 10 . The crack propagates following a zigzag path, and it changes its direction when crossing a TB and turns back to the initial direction when leaving the twin (see Fig. 10a,b) . Consistently, the crack propagates along the DSBs and never along the TBs. Submicron cracks are also frequently observed on the DSBs (see Fig. 10c ) representing possible initiation sites for crack formation and propagation. Furthermore, Fig. 10d clearly shows the presence of g}but no direct relationship between the crack path and g}can be observed.
The alternating cracking path between the twins and matrix originates from the mirror relation of dislocation slip planes across the TBs. Dislocation boundaries formed during straining of Alloy 718 also have this relationship, which is illustrated in the TEM image of Fig. 11 . In principle, a crack should alternate its path inbetween the twin and matrix if it propagates along DSBs. Fig. 12 displays a SEM image of the fracture surface from the region where hydrogen and several TBs are present. Similar to the observations in Fig. 9 , plenty of micro-and nano-voids formed along the traces but never along TBs. Interestingly, the arrangement of the voids consistently follows the traces in both the matrix and twins, which would facilitate the crack propagation along the traces instead of TBs. This is perfectly consistent with the crack path shown in Fig. 10 .
Discussion

Localised dislocation slip and crack initiation
The evidence presented here clearly indicates that crack initiation and propagation are closely associated with planar dislocation slip bands formed during tensioning of Alloy 718 in the presence of hydrogen. These dislocation boundaries are well aligned with the specific dislocation slip planes, i.e. the {111} crystallographic planes of g. It is well established that in g 0 /g 00 strengthened nickel-based superalloys, the shearing of these precipitates by weakly or strongly coupled dislocation pairs causes the weakening of these slip planes, and thus promotes the slip localisation on the primary slip plane of {111}g [39e42]. Besides, the addition of high levels of solution elements lowers the stacking fault energy (SFE) in these alloys, which further enhances the dislocation slip planarity. Therefore, in contrast to pure metals, with medium to high stacking fault energy, where low strains result in the formation of a dislocation cell and cell-block structure [43e45], planar dislocation slip bands along {111}g are the key features of Alloy 718 after plastic deformation [41, 42] , and these have also been observed in the present study (Fig. 4a ). To provide a more detailed image of the dislocation structure, additional dark field TEM analysis was carried out in the hydrogen-charged region of the deformed material. Fig. 13 shows lines of high dislocation density with sparse dislocation debris in-between, which form the planar dislocation boundaries seen by ECCI. It should be mentioned that no appreciable difference in terms of the distance between dislocations was observed in the regions with and without hydrogen, which is probably because the sample had been highly strained.
In addition to the intrinsic plasticity characteristics of Alloy 718, absorption of hydrogen into the materials is supposed to change the dislocation behaviour to some extent. According to the HELP mechanism [18, 19] , hydrogen can enhance the mobility of dislocations and reduce the barrier for dislocation interaction, thereby promoting slip localisation on the primary slip planes. It has also been reported that hydrogen uptake reduces the SFE of materials and hence hinders dislocation cross slip [46] , which results in further constrain on dislocation slip away from the initial slip plane during the self-arrangement process.
In summary, both the intrinsic character of Alloy 718 and the externally imposed effect from hydrogen contribute to the process: dislocation slip localisation on {111} crystallographic planes and formation of dislocation boundaries on the initial slip planes. Since dislocations are able to transport hydrogen during plastic deformation [47, 48] , these planes with extensive dislocation slip and high dislocation density are believed to contain higher concentration of hydrogen. Interaction between dislocations and hydrogen tends to make these planes more susceptible to crack initiation and propagation [9] .
Linkage of crack initiation and propagation
Micro-voids coalescence is thought to be the dominant mechanism for the formation of dimples in a ductile fracture [49] . The quasi-cleavage fracture of hydrogen embrittled Alloy 718 suggests a different process in crack initiation and propagation due to the presence of hydrogen. Besides the ECCI analysis on the cracks near the sample surface (Figs. 6e9) , more detailed fractographs from the quasi-cleavage regions provide additional insight on the hydrogen induced cracking in Alloy 718 (Fig. 11 ). Analogous to the DSBs seen in ECCI and TEM analysis, very similar features were observed at the fracture surface close to the sample outer surface, i.e. in the region affected by hydrogen. Since these traces on the fracture surface exhibited high consistency with the DSBs observed in the TEM and ECC images, in terms of morphology and length scale, it is very likely that those features on the fracture surface are correlated with the DSBs. It might be argued that these features also have a similar morphology to the slip traces observed on a sample surface when the material is plastically deformed [50] , however, they are of essential difference, since the traces on the fracture surface can only form during cracking and failure process, instead of during deformation only. In this context, cracking and failure in the hydrogen embrittled region is closely associated with the dislocation slip bands, i.e. cracks tend to initiate and propagate along the dislocation slip bands.
Other researchers have also invoked the concept of failure along the dislocation slip bands in the hydrogen pre-charged materials [11, 22, 51] . After studying the quasi-cleavage fracture surface and the underneath microstructure, Martin et al. [22] and Neeraj et al. [11] proposed mechanisms for the hydrogen assisted crack initiation and propagation in hydrogen charged steels. Although both mechanisms are within the framework of the HELP mechanism, the detailed claims are quite different. Martin et al. [22] suggested that critical hydrogen concentrations might be achieved in the regions with slip localisation and high density of dislocations, and thus hydrogen at these sites may be sufficiently high to cause a significant reduction in lattice cohesive strength, which facilitates the crack initiation and propagation. In contrast, Neeraj et al. [11] suggested that the interactions between hydrogen and dislocations activities in the localised slip regions promote the nucleation of nano-voids and the linkage of these voids leads to the crack initiation and propagation. Both mechanisms support the phenomenon of cracking along DSBs, however, the conjugate moundon-mound morphology frequently observed at the crack tip in ECC images (e.g. Fig. 7b ) and in fractographs (e.g. Fig. 9b, c) in the present case of Alloy 718 favours the nano-voids coalescence mechanism. Solid evidence is shown in Figs. 7, 9 and 12, where nanoscale voids form along DSBs, particularly at the intersections of nonparallel DSBs, and void coalescence and widening leads to crack initiation. The arrangement and configuration of the micro-and nano-voids (e.g. Figs. 7b and 9c ) implies the formation of valley-onvalley fracture surface. Although relatively smooth and flat cracks could be seen in some cases ( Fig. 6) and even a valley-on-mound shape formed at a crack tip (Fig. 8c ), these features cannot rule out the possible nano-void coalescence mechanism, since nanoscale voids initiated at a much smaller scale than the observed crack [11] . It is worth noting that hydrogen-associated cracking in ferritic steels [11, 22, 51] is usually not of such localised nature as in the present case. However, studying hydrogen embrittlement in a precipitation strengthened austenitic steel with yield strength up to 1 GPa, Koyama et al. [32] observed slip localisation and fracture surfaces which were similar to the present work. However, their work indicated that voids tend to nucleate at the triple junctions of grain boundaries and at intersecting sites between the dislocation slip planes and grain boundaries, which was not observed in the present study. The reason could be that cracking along grain boundaries is an intrinsic character of such high strength steel, as pointed out by the authors, and the presence of hydrogen only exasperates this effect.
Since nano-voids can form by vacancy agglomeration, on which hydrogen would probably exert influence, crack initiation by nanovoids preferentially occurs along dislocation boundaries in presence of hydrogen [52] . It is well documented that vacancies can be generated in materials during plastic deformation by dislocation activities [53] . These vacancies are thought to be instable but gaseous impurities like oxygen and hydrogen are known to stabilize them [54] . Indeed, atomic simulations suggest that hydrogen is able to stabilize vacancies by formation of a hydrogen-vacancy complex, which can act as an embryo for void formation [29, 55] . Therefore, dislocations slip bands, such as those observed here in Alloy 718, naturally become potential locations for void nucleation in the presence of hydrogen. Such potential is enhanced at dislocation slip band intersections, due to higher concentrations of hydrogen and more extensive dislocation slip.
Consequently, hydrogen-induced cracking along DSBs in Alloy 718 leads to quasi-cleavage failure mode and formation of transgranular fracture surface. While hydrogen is much well known to cause intergranular failure, involving crack initiation and propagation along grain boundaries in many metals and alloys [24, 27, 57, 58] , hydrogen-induced transgranular fracture was also reported in precipitation strengthened nickel-based superalloys [3, 5, 56] . Recent studies have provided new insight on hydrogenenhanced dislocation activities establishing conditions that promote intergranular failure [24, 27] . Thus it seems that hydrogeninduced transgranular and intergranular fracture involve a common process, namely enhanced dislocation activity by hydrogen. The major difference between Alloy 718 and other materials showing intergranular failure is the enhanced slip localisation in Alloy 718 due to the high volume fraction of nano-sized precipitates and the low SFE. Such pronounced slip localisation and the simultaneous dislocation and hydrogen interaction promote dislocation slip planes becoming the most susceptible sites for the crack initiation and propagation rather than the grain boundaries. In the nickel-based superalloy with solid solution strengthening, where slip localisation is supposed to be lower than Alloy 718, hydrogen-induced intergranular cracking was found to be dominant with transgranular fracture only in some occasions [3] . In addition, precipitates and segregates on grain boundaries tend to incur intergranular cracking in the materials with hydrogen present [57, 58] . In a study on the hydrogen embrittlement of Alloy 718 with carbides and d phase decorated grain boundaries, cracks were occasionally found along boundaries with those precipitates [59] . Since microscopically ductile features were observed in the vicinity of these boundaries, it suggests that slip localisation, which interacts with precipitates at grain boundaries, causes void formation along grain boundaries with hydrogen present. It should be noted that cracking along DSBs and altering the crack paths at grain boundaries lead to the formation of a fracture surface similar to intergranular failure.
Role of twin boundaries on hydrogen induced cracking
Annealing twins are common microstructural features in nickelbased superalloys such as Alloy 718, as seen in Fig. 1a . In terms of hydrogen-induced embrittlement, TBs are thought to be less vulnerable, since TBs are known to have high separation energy and low hydrogen solubility [60, 61] . Recent work by Seita et al. [6] proposed a dual role of TBs in the hydrogen embrittlement of Inconel 725, namely the TBs are most susceptible to crack initiation but with higher resistance to crack propagation. However, in the present study, neither void formation nor crack initiation and propagation were found to be associated with TBs. Examples shown in Figs. 6d and 9 demonstrated that cracks prefer to propagate along the DSBs even though the DSBs only have a small inclined angle to the TB (Fig. 6d ), or even though this requires significant changes of the crack path ( Fig. 9 ). The result from Fig. 12 can underpin and interpret such phenomenon very well, since many voids and cracks formed along DSBs but no void initiation was observed along the TBs. Further analysis on the orientation of the crack propagation path across TBs demonstrates that the crack path is always coincided with one specific {111} crystallographic plane ( Fig. 14) , which is also the plane of DSBs. The Kernel average misorientation map (Fig. 14b) shows DSBs and the crack propagation path are parallel to the lines with higher misorientation gradients. Although strain localisation is observed adjacent to the TBs, cracks seldom propagate along them. Therefore, it indicates that strain localisation on its own is not the root cause for hydrogeninduced cracking, and it is the dislocation slip localisation interplaying with hydrogen that promote the crack initiation and propagation.
This discrepancy between the present work and the work reported by Seita et al. [4] may be attributed to several factors, including the slight difference in the material chemistry, different pre-charging conditions, different test conditions, etc. The most important reason is likely to be the considerable difference in the strain rate of the tensile test. The strain rate used in Ref. [4] was 100 times higher (10 À4 s À1 ) than that used in the present study (10 À6 s À1 ). Since dislocation motion and interaction with hydrogen will inevitably be highly strain rate sensitive, these processes are expected to be less pronounced when the sample is tested at high strain rate. Therefore, it is reasonable that cracking along dislocation slip bands, originated from the strong interaction between dislocation and hydrogen, does not take effect at strain rates of 10 À4 s À1 . Further systematic studies about the strain rate effect on the hydrogen induced cracking behaviour of nickel-based superalloys will be carried out in the near future to elucidate this aspect.
Summary of hydrogen assisted cracking mechanism in Alloy 718
All experimental results presented here demonstrate a direct relationship between dislocation slip localisation and hydrogen assisted cracking in Alloy 718. Accordingly, an envisioned mechanism of hydrogen-induced embrittlement of Alloy 718 is proposed, which is summarized schematically in Fig. 15 . Once the alloy is strained beyond yielding, dislocation generation and multiplication commence. Due to microstructural (g 0 and g 00 ) and alloy chemistry effects (low SFE), planar dislocation slip leads to the formation of planar dislocation slip bands, Fig. 15b . In the presence of hydrogen (here <200 mm beneath the surface), slip planarity and localisation is suggested to be further promoted within the framework of the HELP mechanism [18e20, 46] . It has been demonstrated that dislocations are capable of transporting hydrogen at low strain rates [47, 48] and dislocations can act as trapping sites for hydrogen [62] . Therefore high concentrations of hydrogen agglomerate at dislocation slip bands, especially at their intersections (Fig. 15c) . Consequently, extensive hydrogen-dislocation interaction at these sites leads to the formation of nano-voids. Nano-voids weaken the dislocation boundaries and their subsequent widening and coalescence via dislocation process results in crack initiation and propagation along the dislocation boundaries ( Fig. 15d ). It should be mentioned that in the present study the effect of gʺ precipitates on the hydrogen embrittlement is only in respect to the promotion of slip localisation and constrain of dislocation cross slip. The detailed microstructural analysis did not provide any evidence for decohesion along the g/gʺ interface, despite such interface potentially being the trapping site for hydrogen. Future work employing nanoscale secondary ion mass spectrometry will be carried out to relate preferential hydrogen sites to microstructural features, including precipitates and dislocation slip bands.
Conclusions
Hydrogen induced embrittlement in hydrogen charged Alloy 718 slowly strained to failure was investigated by means of detailed electron microscopy in order to develop a better mechanistic understanding of crack initiation and propagation. Observations within the hydrogen charged region were compared with the nonhydrogen charged region. The main findings can be summarized as follows:
1) Hydrogen charging results in significant reduction in the tensile ductility of Alloy 718, with quasi-cleavage fracture in the region with hydrogen present. 2) The deformation microstructure of Alloy 718 developed during slow strain rate tensioning to failure is characterised by considerable slip localisation and formation of planar dislocation slip bands along the {111}g planes in the non-hydrogen charged and hydrogen charged regions. 3) In the hydrogen charged region, cracks form along the planar dislocation slip bands, and this leads to the formation of sliptraces like features on the fracture surface, whereas cracking along grain boundaries and twin boundaries was not observed. 4) Nucleation of nano-voids along dislocation slip bands, particularly at intersections of differently orientated dislocation slip bands resulting from the interaction between dislocation slip localisation and probably hydrogen agglomeration, leads to cracking along these planes. Coalescence and widening of the voids via dislocation process promotes the crack initiation and propagation. Fig. 15 . Schematic diagrams showing the envisaged mechanism for the hydrogen induced crack initiation and propagation in Alloy 718: (a) material prior to deformation; (b) planar dislocation slip bands (DSBs) develop during tensioning; (c) on the DSBsand in particular the intersections of DSBs, slip localisation is more intensive and concentration of hydrogen is supposed to be high; (d) higher concentration hydrogen and localised slip promote the nucleation of nanoscale voids; (e) coalescence and widening of voids via dislocation process leads to crack propagation along the DSBs.
